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Abstract 

Uniaxial  quasi-static,  uniaxial  dynamic  and  confined  dynamic  compression  experiments  have  been  performed  to  characterize  the 
failure  and  deformation  mechanisms  of  a  sintered  polycrystalline  aluminum  nitride  using  a  servohydraulic  machine  and  a  modified 
Kolsky  bar.  Scanning  electron  microscopy  and  transmission  electron  microscopy  (TEM)  are  used  to  identify  the  fracture  and  deforma¬ 
tion  mechanisms  under  high  rate  and  high  pressure  loading  conditions.  These  results  show  that  the  fracture  mechanisms  are  strong  func¬ 
tions  of  confining  stress  and  strain  rate,  with  transgranular  fracture  becoming  more  common  at  high  strain  rates.  Dynamic  fracture 
mechanics  and  micromechanical  models  are  used  to  analyze  the  observed  fracture  mechanisms.  TEM  characterization  of  fragments  from 
the  confined  dynamic  experiments  shows  that  at  higher  pressures  dislocation  motion  becomes  a  common  dominant  deformation  mech¬ 
anism  in  AIN.  Prismatic  slip  is  dominant,  and  pronounced  microcrack-dislocation  interactions  are  observed,  suggesting  that  the  dislo¬ 
cation  plasticity  affects  the  macroscopic  fracture  behavior  in  this  material  under  high  confining  stresses. 

©2012  Acta  Materialia  Inc.  Published  by  Elsevier  Ltd.  All  rights  reserved. 
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1.  Introduction 

Aluminum  nitride,  with  the  commonly  found  wurtzite 
structure,  is  in  the  6  mm  point  group,  with  lattice  parame¬ 
ters  of  a  =  0.311  nm,  c  =  0.498  nm  and  da  =  1.6  [1].  For 
single-crystal  AIN,  five  independent  elastic  constants  have 
been  measured  by  nanoindentation  [2]  and  vibrational 
spectroscopy  [3].  Polycrystalline  AIN,  as  shown  in 
Fig.  la,  has  also  received  attention  because  it  is  potentially 
a  structural  material  for  electronic  substrates,  thermal 
coatings,  etc.  There  are  two  approaches  to  the  production 
of  bulk  aluminum  nitride:  liquid  phase  pressureless  sinter¬ 
ing  (“sintered  AIN”)  and  hot  pressing  (“hot-pressed  AIN”). 
Sintered  AIN  generally  contains  a  second  phase,  as  shown 
in  Fig.  lb,  which  is  a  sintering  aid,  Y203,  that  provides 
rapid  densification  without  external  pressure  [4].  AIN  is 
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also  considered  as  a  potential  armor  material  because  of 
its  interesting  mechanical  properties.  Understanding  the 
failure  and  deformation  mechanisms  in  AIN  under  a  range 
of  strain  rates  and  stress  states  is  key  for  these  applications. 

Heard  and  Cline  [5]  performed  low  strain  rate  confined 
experiments  on  hot-pressed  AIN  and  observed  a  brittle  to 
ductile  transition  at  a  circumferential  confining  stress  of 
0.55  GPa;  that  transition  was  attributed  to  intracrystalline 
slip.  Perfect  dislocations  with  a  Burgers  vector  of  f  (1 1 20) 
have  been  observed  in  AIN  [1],  usually  dissociated  into 
f  ( 1 0 1 0)  and  |  (0 1 1 0)  in  the  basal  plane.  The  spacing  of 
the  dissociated  dislocations  was  around  8  nm  [1].  Two  possi¬ 
ble  glide  planes  were  proposed  and  partial  dislocations  and 
stacking  faults  in  AIN  were  observed  by  transmission  elec¬ 
tron  microscopy  (TEM)  in  the  1960s  [6,7].  Dissociated  dislo¬ 
cations  have  also  been  observed  after  Vickers  indentation  [8] 
and  quasi-static  confined  tests  using  a  Griggs-type  apparatus 
in  an  Instron  frame  (at  a  strain  rate  of  2  x  10-5  s-1  and  a 
confining  pressure  above  0.7  GPa)  [9-11]. 
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Fig.  1.  (a)  Field  emission  SEM  of  a  cleaned  fractured  surface  of  polycrys¬ 
talline  sintered  AIN  ( the  white  phase  is  yttrium  oxide  and  the  grey  phase  is 
AIN  grains),  (b)  TEM  micrograph  of  as-received  sintered  AIN  (the  dark 
region  is  the  yttrium  oxide  phase  and  the  grey  region  is  AIN).  Note  the  lack 
of  dislocations  in  the  grains,  and  the  clean  grain  boundaries  in  some  regions. 

Dynamic  confined  experiments  (with  strain  rates  up  to 
103  s’  1  and  a  confining  stress  up  to  230  MPa)  were  per¬ 
formed  on  sintered  AIN  by  Chen  and  Ravichandran  using 
shrink-fit  confinement,  and  the  compressive  strength  was 
seen  to  be  sensitive  to  both  confining  stress  and  strain  rate 
[12].  Hot-pressed  AIN  also  demonstrated  a  strong  rate 
sensitivity  at  higher  strain  rates  (102-103  s_1)  in  similar 
experiments  [13],  Higher  pressures  and  higher  strain  rates 
(above  105  s_1)  are  achieved  in  shock  experiments,  and 
Rosenberg  et  al.  [14]  performed  such  experiments  on  hot- 
pressed  AIN,  observing  that  the  Hugoniot  elastic  limit 
was  9.4  GPa.  Analysis  of  shock  experiments  indicates  that 
the  shear  strength  of  AIN  is  nearly  independent  of  pressure 
at  high  pressures  [14-16],  It  has  been  suggested  that  this 
behavior  might  be  due  to  plastic  flow  in  AIN  [17].  In  recent 
work,  Hu  et  al.  [18]  conducted  quasi-static  compression, 
uniaxial  dynamic  compression  and  confined  dynamic  com¬ 
pression  experiments  on  AIN  with  real-time  high-speed 


visualization  of  the  failure  processes.  They  observed  that 
the  compressive  strength  of  the  sintered  AIN  was  sensitive 
to  strain  rate  over  the  strain  rate  range  of  10_3-103s_1, 
consistent  with  previous  experimental  data.  They  also 
showed  that  all  of  the  available  experimental  data  on 
AIN  at  low  pressures  could  be  understood  in  terms  of  wing 
crack  mechanics,  and  suggested  that  at  high  pressures  the 
dislocation  mechanism  could  be  dominant. 

The  microscopic  fracture  mechanisms  of  aluminum 
nitride  have  been  studied  by  several  authors.  Cleavage  steps 
were  observed  after  indentation  on  AIN  films,  but  no  cleav¬ 
age  planes  were  identified  [19],  There  is  (to  our  knowledge) 
no  specific  data  on  the  cleavage  of  single-crystal  AIN .  How¬ 
ever,  the  wurtzite  crystal  structure  is  commonly  known  to 
cleave  along  (1 120)  and  ( 1 0 1 0)  planes  [20].  Polycrystalline 
AIN  has  additional  fracture  mechanisms  introduced  by  the 
grain  boundaries,  grain  boundary  phases,  texture,  sintering 
additives  such  as  Y203  and  process-induced  defects.  Highly 
oriented  polycrystalline  AIN  with  a  low  mass  percentage  of 
Y203  shows  more  transgranular  fracture  than  randomly 
oriented  AIN  with  a  high  mass  percentage  of  Y203,  which 
shows  more  intergranular  fracture  [21].  For  a  given  poly- 
crystalline  ceramic,  however,  the  active  fracture  mechanisms 
also  depend  on  experimental  conditions,  such  as  the  rate  of 
loading  and  the  confining  pressures.  These  dependences 
are  not  understood  for  advanced  ceramics  in  general,  and 
for  AIN  in  particular. 

To  summarize,  the  deformation  mechanisms  of  AIN 
have  been  characterized  under  quasi-static  confined  exper¬ 
iments,  indentation  and  high  temperature  quasi-static 
experiments  [10,11].  However,  there  is  limited  data  from 
dynamic  confined  experiments  [12,22]  with  high  confining 
stresses  and  high  strain  rates.  These  are  the  conditions 
relevant  to  protection  applications,  and  there  has  been  little 
direct  microstructural  characterization  to  determine  the 
deformation  and  fracture  mechanisms  under  such  condi¬ 
tions  (aside  from  soft  recovery  experiments  on  alumina 
[23]).  Further,  the  fracture  mechanisms  of  AIN  have  not 
been  studied  and  analyzed  systematically  with  respect  to 
loading  rate  and  stress  rate. 

In  this  paper,  we  focus  on  the  deformation  and  fracture 
mechanisms  of  sintered  AIN  as  a  function  of  confining 
stress  and  strain  rate.  Uniaxial  quasi-static,  uniaxial 
dynamic  and  confined  dynamic  experiments  are  analyzed. 
Scanning  electron  microscopy  (SEM)  is  used  to  examine 
the  fracture  mechanisms  active  in  each  of  these  experi¬ 
ments.  A  theoretical  analysis  of  fracture  mechanism  transi¬ 
tion,  which  can  be  applied  to  other  material  systems,  is 
provided  to  explain  our  observations.  Finally,  TEM  is  used 
to  study  the  deformation  mechanisms  under  various  load¬ 
ing  conditions. 

2.  Experimental  procedures 

The  material  investigated  is  a  pressureless  liquid  phase 
sintered  AIN,  provided  by  the  Dow  Chemical,  with  3 
weight  percentage  of  yttria  (Y2Q3)  as  a  sintering  additive 
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[24],  The  average  grain  size  is  5  |rm  with  yttria  occupying 
some  of  the  grain  boundaries,  as  shown  in  Fig.  la,  which 
is  a  micrograph  of  a  cleaned  fracture  surface.  The  TEM 
micrograph  in  Fig.  lb  shows  a  region  where  the  second 
phase  (the  “interphase”)  sits  along  some  of  the  grain 
boundaries  and  triple  junctions.  Multiple  locations  of  our 
as-received  material  have  been  examined,  and  all  of  our 
TEM  micrographs  indicate  that  the  as-received  material 
is  free  of  dislocations. 

The  experimental  techniques  used  have  been  discussed  in 
detail  in  previous  work  [18],  Here  we  summarize  the 
differences  among  the  techniques  in  terms  of  loading  rate 
and  pressure  achieved.  Quasi-static  uniaxial  compression 
tests  have  typical  strain  rates  on  the  order  of  10~3  s-1  and 
the  peak  hydrostatic  pressure  of  about  1.1  GPa.  (Note  that 
all  unconfined  experiments  have,  by  definition,  a  hydrostatic 
stress  which  is  1/3  of  the  axial  stress.)  Dynamic  uniaxial  com¬ 
pression  tests  have  typical  strain  rates  on  the  order  of  103  s~ 1 
and  hydrostatic  pressures  of  around  1.3  GPa.  The  typical 
loading  rate  in  our  confined  dynamic  experiments  [18]  is  also 
on  the  order  of  103  s-1  and  the  hydrostatic  pressure  that  can 
be  developed  is  as  high  as  1 .5  GPa.  These  three  experimental 
techniques  enable  us  to  vary  the  strain  rate  and  confining 
stress  (and  thus  the  pressure). 

The  primary  experimental  results  obtained  by  Hu  et  al. 
[18]  on  the  mechanical  behavior  were  the  following.  First, 
the  uniaxial  compressive  strength  increases  with  strain  rate, 
and  real-time  in  situ  photography  revealed  large  scale  frac¬ 
ture  dominated  by  axial  cracking.  Second,  the  deviatoric 
strength  of  the  material  increases  linearly  with  the  hydro¬ 
static  pressure  until  a  critical  pressure  is  reached.  Beyond 
this  transition  pressure,  the  deviatoric  strength  is  essentially 
independent  of  the  hydrostatic  pressure.  These  experimen¬ 
tal  observations  are  related  to  specific  deformation  and 
failure  mechanisms  in  this  manuscript. 

We  now  describe  the  active  fracture  and  deformation 
mechanisms  in  AIN,  and  discuss  how  the  loading  parame¬ 
ters  affect  these  mechanisms. 

3.  Fracture  mechanisms  of  sintered  AIN 

We  have  conducted  extensive  SEM-based  analysis  of  the 
active  fracture  mechanisms.  After  each  type  of  loading, 
multiple  fragments  and  locations  were  examined  to  identify 
the  fracture  mechanisms.  A  thin  layer  of  platinum  was 
sputtered  on  the  fragment  surfaces  to  avoid  charging  and 
a  representative  number  of  fragments  were  examined. 

3.1.  Definition  of  mechanism  terminology 

The  sintered  AIN  material  system  is  illustrated  in 
Fig.  2a.  “Grain  failure”  is  defined  as  the  fracture  of  grains 
(transgranular  fracture).  “Grain  boundary  failure”  refers 
to  grain-grain  interface  failure.  “Grain-interphase  failure” 
refers  to  the  failure  of  the  grain-yttria  interface  in  regions 
where  the  Y203  is  present.  “Interphase  failure”  is  defined 
as  the  failure  of  the  yttria  itself.  These  four  possible  frac- 


Fig.  2.  (a)  An  illustration  of  the  sintered  AIN  material  system  and  related 
terminology  definition,  (b)  All  the  active  fracture  modes  after  confined 
dynamic  experiments  (confining  stress  780  MPa).  A:  transgranular  frac¬ 
ture  (grain  failure);  B:  grain  boundary  failure;  C:  grain-interphase  failure; 
D:  interphase  failure. 

ture  modes  are  representative  of  all  sintered  materials,  as 
suggested  by  German  [4],  Both  grain  boundary  failure 
and  grain-interphase  failure  are  examples  of  so-called 
“intergranular  fracture”.  Note  that  our  post-mortem  anal¬ 
ysis  does  not  allow  us  to  always  distinguish  grain  boundary 
failure  from  grain-interphase  failure  from  just  one  of  the 
pair  of  fracture  surfaces.  In  this  paper,  grain-interphase 
failure  and  grain  boundary  failure  are  treated  together  as 
intergranular  fracture.  Fig.  2b  is  an  SEM  image  of  a  frac¬ 
ture  surface  obtained  after  a  confined  dynamic  test,  illus¬ 
trating  all  the  fracture  modes  described  above.  We 
describe  the  fracture  mechanisms  observed  under  each 
loading  condition  in  what  follows,  and  then  analyze  the 
fracture  mechanism  transition  for  this  material. 

3.2.  Observed  fracture  mechanisms 

The  fracture  surfaces  of  fragments  developed  during 
quasi-static  loading  (e  ~  1(T3  s~r)  are  shown  in  Fig.  3a, 
demonstrating  primarily  intergranular  fracture.  The  cracks 
propagate  along  the  grain  boundaries:  AIN  grains  border¬ 
ing  the  crack  path  are  almost  completely  intact  and  are  just 
pulled  out.  For  the  quasi-static  loading  of  our  AIN,  the 
intergranular  failure  mode  is  dominant  and  transgranular 
failure  mode  is  only  occasionally  observed.  Little  or  no 
interphase  failure  is  observed.  Such  intergranular  fracture 
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Fig.  3.  Fracture  surface  comparison  under  different  test  conditions,  (a)  Quasi-static  fracture  surface,  mainly  intergranular  fracture,  (b)  Uniaxial  dynamic 
compression  fracture  surface,  mainly  transgranular  fracture,  (c)  Confined  dynamic  compression  fracture  surface  (320  MPa  confining  stress),  mainly 
transgranular  fracture  with  localized  interphase  failure,  (d)  Confined  dynamic  fracture  surface  (780  MPa  confining  stress),  mainly  transgranular  fracture 
with  more  interphase  failure. 


is  typical  for  general  sintered  materials,  because  the  solid 
grain  boundaries  are  typically  weak.  Similar  dominance 
of  intergranular  fracture  has  also  been  observed  in  four 
point  bending  tests  on  spinel  [25]  and  alumina  [26]  speci¬ 
mens.  Fractography  studies  of  alumina  (Coors  AD995) 
have  shown  that  the  area  fraction  of  intergranular  fracture 
was  about  97%  for  statically  loaded  specimens  [26]. 

Fig.  3b  shows  a  typical  fracture  surface  of  fragments 
recovered  after  uniaxial  dynamic  compression  (;:  ~  103  s-1). 

A  smoother  fracture  surface  is  observed,  suggesting  a 
higher  percentage  of  transgranular  fracture  under  dynamic 
loading  compared  with  that  under  quasi-static  loading.  This 
observation  agrees  with  in  a  hot-pressed  AIN  system  after 
uniaxial  dynamic  experiments  [13,27], 

It  seems  to  be  a  common  trend,  also  suggested  by  numer¬ 
ical  simulations  in  various  brittle  solids  [28,29],  that  the  per¬ 
centage  of  transgranular  fracture  increases  with  an  increase 
in  loading  rates.  The  area  fraction  of  transgranular  fracture 
of  alumina  varied  from  3%  to  about  16%  in  quasi-static  and 
impact-loaded  specimens  [26,30].  Similarly,  fractography 
observations  have  shown  that  intergranular  fracture  domi¬ 
nates  A1203  specimens  fractured  under  quasi-static  loading, 
and  inter/transgranular  fracture  dominates  fracture  under 
dynamic  loading  [31].  Note  that  a  much  higher  transgranu¬ 
lar  fracture  percentage  was  also  observed  in  SiCw/Al203 
specimens  under  impact  loading  conditions  [30].  All  avail¬ 
able  evidence  suggests  that  transgranular  fracture  becomes 
increasingly  likely  as  the  rate  of  loading  increases,  for  rea¬ 
sons  discussed  in  the  following  section.  It  appears  that,  once 


a  critical  strain  rate  is  achieved,  transgranular  fracture 
becomes  dominant.  Note  that  interphase  failure  is  rarely 
observed  in  this  material  under  these  uniaxial  compressive 
stresses. 

The  confined  dynamic  experiments  (with  strain  rates  on 
the  order  of  103s-1)  were  performed  with  two  superim¬ 
posed  confining  stresses,  320  and  780  MPa  [18].  Fig.  3c 
shows  a  typical  fracture  surface  from  the  fragments  recov¬ 
ered  from  confined  dynamic  experiments  with  320  MPa 
confining  stress  (“low  confinement”).  Both  intergranular 
and  transgranular  fracture  are  observed,  but  transgranular 
fracture  is  dominant.  Interphase  failure  is  also  observed, 
though  uncommon  and  quite  localized.  Note  that  inter¬ 
phase  failure,  which  is  the  failure  of  the  yttria  itself  when 
present  along  the  grain  boundaries  or  at  triple  junctions, 
is  the  distinctive  fracture  mode  in  sintered  AIN  systems. 

Fragments  from  confined  dynamic  tests  with  a  780  MPa 
confining  stress  show  failure  patterns  qualitatively  similar 
to  that  observed  in  the  320  MPa  confining  stress  case,  but 
with  increased  interphase  failure.  Intergranular  fracture, 
transgranular  fracture  and  interphase  failure  are  all 
observed,  as  shown  in  Fig.  3d.  Transgranular  fracture  is 
still  the  dominant  mechanism.  However,  the  interphase 
failure  mode  is  more  common  than  for  the  320  MPa  con¬ 
fining  stress  level.  This  observation  can  also  be  understood 
with  the  micromechanical  analysis  presented  below.  The 
micrograph  in  Fig.  2b,  which  demonstrates  the  existence 
of  all  these  fracture  modes,  is  from  a  confined  dynamic 
experiment  with  a  780  MPa  confining  stress. 
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4.  Modeling  the  fracture  mechanisms 

4.1.  Strain  rate  effects  on  fracture  mechanisms 

A  major  question  that  emerges  from  the  experimental 
results  concerns  the  underlying  physics  that  drives  the  tran¬ 
sition  from  intergranular  to  transgranular  fracture  as  the 
loading  rate  increases.  In  what  follows,  we  use  dynamic 
fracture  mechanics  to  analyze  and  predict  this  transition, 
considering  the  case  of  varying  rate  at  fixed  low  pressures. 

Since  the  transition  is  largely  from  intergranular  (inter¬ 
facial)  fracture  to  transgranular  fracture  (crystallographic 
cleavage),  these  individual  mechanisms  must  be  examined 
in  the  context  of  this  material.  We  note  that  the  interfacial 
toughnesses  of  A1N-Y203  and  A1N-A1N  interfaces  are 
likely  to  be  smaller  than  the  toughnesses  of  both  single¬ 
crystal  AIN  and  Y203.  This  is  generally  the  case  for  a  sin¬ 
tered  material  [32,33],  and  is  further  demonstrated  in  this 
particular  case  by  the  intergranular  fracture  under  quasi¬ 
static  loading.  The  quasi-static  interfacial  toughness  (not 
distinguishing  the  two  kinds  of  interfaces)  can  be  repre¬ 
sented  as  rf,  the  quasi-static  AIN  toughness  as  TAC,N  and 
the  quasi-static  Y203  toughness  as  Tj.  Because  of  the 
low  yttria  volume  fraction  and  since  yttria  failure  is  not 
observed  under  uniaxial  loading,  we  ignore  the  explicit 


Fig.  4.  (a)  Illustration  of  the  competition  between  intergranular  and 
transgranular  fracture  mode.  Initial  cracks  are  generally  initiated  by  the 
defects  in  the  materials,  such  as  pores  and  inclusions.  is  the  incoming 
crack  velocity,  V2  is  the  deflected  interfacial  crack  velocity  and  /?  is  the 
interfacial  angle  between  the  grain  and  grain  boundary,  (b)  Energy  release 
rate  ratios  plotted  against  the  interfacial  angle  f.  Note  that  the  stationary 
and  dynamic  toughness  ratios  are  qualitative  because  of  the  lack  of  available 
experimental  data. 


Y203  phase  in  the  intergranular-transgranular  transition. 
The  competition  is  therefore  viewed  as  being  between  the 
failure  of  the  effective  interfaces  and  the  failure  of  the 
AIN  grains. 

The  fracture  scenario  in  our  material  system  is  illus¬ 
trated  in  Fig.  4a.  Consider  a  crack  that  is  currently  propa¬ 
gating  along  a  grain  boundary  and  that  comes  up  towards 
another  grain  with  an  interfacial  angle  defined  as  fl  €  [0,  f] 
as  shown  in  Fig.  4a.  The  crack  will  propagate  either  along 
the  interface  (intergranular  fracture)  or  into  the  grain 
(transgranular  fracture),  based  on  the  maximum  energy 
release  rate  in  both  the  quasi-static  and  dynamic  cases. 

For  the  quasi-static  case,  we  define  G"“  and  Gj™  as  the 
static  energy  release  rates  of  the  intergranular  (deflecting) 
crack  tip  and  the  transgranular  (penetrating)  crack  tip, 
respectively.  Assuming  that  both  G'f  and  Grfa  are  higher 
than  the  corresponding  fracture  toughnesses  Tr'  and  TAC,N 
for  the  propagating  crack,  the  crack  can  develop  into  either 
intergranular  or  transgranular  mode.  The  competition 
between  intergranular  and  transgranular  fracture  is  gov¬ 
erned  [34]  by 


>  rf 

QTm  ^  j-i/4/N 


(la) 


for  intergranular  fracture  and 


cm<rL  (lb) 

nTm  t'AIN  y  Ui 

Gs  rc 

for  transgranular  fracture.  Note  that,  in  this  approxima¬ 
tion,  we  are  treating  the  material  as  a  homogeneous  solid 
and,  on  the  left-hand  side  of  Eqs.  (la)  and  (lb),  the  ratio 
of  the  two  energy  release  rates  G'f  /G]m  depends  only  on 
the  interfacial  angle  /l,  while,  on  the  right-hand  side,  the 
toughness  ratio  T'J /TAJN  is  a  material  property.  If  crite¬ 
rion  (la)  is  satisfied,  the  crack  tends  to  develop  into  inter¬ 
granular  fracture.  On  the  other  hand,  if  criterion  (lb)  is 
satisfied,  the  crack  tends  to  develop  into  transgranular 
fracture. 

In  Fig.  4b,  the  energy  release  rate  ratio  G'f  /G'f'  and  the 
quasi-static  toughness  ratio  Tf  /TAlN  are  plotted  against 
the  interfacial  angle  [l  as  the  dashed  curved  line  and  the  hor¬ 
izontal  cross-hatched  line,  respectively.  As  noted  above,  the 
interfacial  toughness  is  typically  much  smaller  than  the 
toughness  of  the  grain.  Therefore,  the  quasi-static  toughness 
ratio  rf/rf*  is  taken  to  be  less  than  1  (arbitrarily  set  to  0.5 
in  the  plot).  If  Eq.  ( la)  is  satisfied,  i.e.  in  the  region  where  the 
dashed  curved  line  is  above  the  horizontal  cross-hatched  line 
in  Fig.  4b,  the  crack  tends  to  develop  into  an  intergranular 
fracture  mode.  If  we  assume  that  the  grain  orientation  is  ran¬ 
domly  distributed,  whichever  fracture  mode  covers  a  larger 
range  of  interfacial  angle  will  be  the  dominant  mode.  Here, 
from  Fig.  4b,  we  can  see  that  the  intergranular  mode  covers 
a  larger  range  of  interfacial  angles  if  the  quasi-static  tough¬ 
ness  ratio  is  less  than  0.5  (as  is  typically  the  case),  implying 
that  the  intergranular  fracture  is  generally  dominant. 
However,  at  very  large  interfacial  angles,  the  transgranular 
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fracture  (crack  penetration  mode)  may  be  energetically  pre¬ 
ferred  even  under  quasi-static  loading,  as  indicated  by  the 
area  where  the  dashed  curved  line  is  below  the  horizontal 
cross-hatched  line  in  Fig.  4b.  Note  that  the  transgranular 
fracture  generally  covers  a  smaller  range  of  interfacial  angle 
for  small  quasi-static  toughness  ratios,  suggesting  that  trans¬ 
granular  fracture  should  be  relatively  rare  in  such  systems. 
This  agrees  with  our  SEM  observations  of  only  occasional 
transgranular  fracture  under  the  quasi-static  loading 
condition. 

For  the  dynamic  case,  the  dynamic  failure  mode  transi¬ 
tion  along  well-controlled  interfaces  has  been  studied  by 
Xu  et  al.  [35],  and  their  analysis  is  used  as  a  baseline  for 
modeling  the  dynamic  intergranular-transgranular  transi¬ 
tion.  Flere  we  define  G“'(/?,  v2)  and  Gjra(v i)  as  the  dynamic 
energy  release  rates  of  the  intergranular  fracture 
(deflected)  crack  tip  and  the  transgranular  fracture  (pene¬ 
trated)  crack  tip,  respectively.  Now  the  two  dynamic 
energy  release  rates  are  not  only  a  function  of  the  interfa¬ 
cial  angle  /?,  but  also  a  function  of  the  incoming  crack 
velocity  iq  and  the  interfacial  crack  velocity  v2,  as 
indicated  in  Fig.  4a. 

Generally,  the  dynamic  toughness  of  a  homogeneous 
solid  is  a  function  of  crack  velocity  v  [36].  Kobayashi  and 
Mall  [37]  measured  the  dynamic  toughness  of  Homalite- 
100  (sometimes  considered  a  prototypical  brittle  material 
in  dynamic  fracture  experiments)  as  a  function  of  crack 
velocity  v  and  found  that  Kw  (dynamic  fracture  toughness) 
was  almost  equal  to  KIC  up  to  0.32cr,  where  cR  is  the  Ray¬ 
leigh  wave  speed.  For  the  current  AIN  material,  the  crack 
speed  was  measured  to  be  about  1500  m  s-1,  around 
0.25c/{,  from  the  in  situ  visualization  [18].  Therefore,  since 
the  crack  speeds  are  less  than  0.3cw,  the  dynamic  toughness 
of  AIN  is  assumed  to  be  equal  to  the  quasi-static  toughness 
(YAldN  =  TAc'Ny,  that  is,  we  assume  the  dynamic  toughness  of 
the  AIN  grains  to  be  independent  of  crack  velocity  for  these 
velocities  (and  by  extension  independent  of  strain  rate  for 
these  strain  rates). 

For  the  dynamic  interfacial  toughness  r Z(v2),  Xu  et  al. 
[35]  argue  that  the  interface  toughness  should  be  indepen¬ 
dent  of  crack  velocity  because  of  the  suppression  of  micro¬ 
branching  along  the  well-controlled  weak  path.  Flowever, 
in  many  real  material  systems,  due  to  the  variation  of  inter¬ 
facial  toughness  [33],  the  microbranching  mechanism 
(small  cracks  in  the  grains)  is  actually  operative.  Further, 
computational  analysis  of  the  dynamic  crack  propagation 
along  the  interface  suggests  the  dynamic  toughness  of  the 
interface  can  increase  dramatically  at  higher  phase  angles 
[34]  and  higher  crack  velocities  [38].  Therefore,  in  the 
current  analysis,  Y'Jd(v2)  is  assumed  to  be  an  increasing 
function  of  interfacial  crack  velocity  v2. 

A  criterion  for  intergranular-transgranular  transition 
under  dynamic  loading  can  now  be  formulated  by  incorpo¬ 
rating  the  crack  velocity  dependence  [35] 


iq) 


>2) 


Y'Ain 


(2a) 


for  intergranular  fracture  and 


G?(v  i) 


< 


r>2) 


(2b) 


for  transgranular  fracture.  Eqs.  (2a)  and  (2b)  is  similar  to 
Eqs.  (la)  and  (lb)  in  form,  but  with  crack  velocity  depen¬ 
dence  of  energy  release  rates  and  the  interfacial  toughness. 
If  criterion  (2a)  is  satisfied,  the  crack  tends  to  develop  into 
intergranular  fracture  mode,  and  if  criterion  (2b)  is  satisfied, 
the  crack  tends  to  develop  into  transgranular  fracture.  Note 
that  the  ratio  of  the  dynamic  energy  release  rates 
Gj‘(P,  v2)/GtJ“{v\)  is  maximized  as  the  interfacial  crack 
velocity  v2—>0  for  fixed  /!  and  iq.  Here  we  set 
Gf  (fi,  v2) /Gjra (vi)  as  G‘f(P,0)/Gjra(vi).  Since  the  left-hand 
side  of  Eqs.  (2a)  and  (2b)  is  maximized,  we  can  understand 
the  upper  bound  of  behavior  (in  terms  of  intergranular  frac¬ 
ture).  In  Fig.  4b,  G“'(/?, 0)/Gj™(iq)  is  plotted  against  the 
interfacial  angle  /)  as  a  solid  red  curve,  for  the  specific  case 
of  iq  =  0.25cr  (measured  crack  velocity  [18]).  If  we  increase 
the  interfacial  crack  velocity  v2,  the  ratio  G“'(j8,  v2)/GTJa{v\) 
will  decrease.  This  trend  is  indicated  by  the  arrow  in  Fig.  4b, 
and  the  dashed  red  curve  is  a  schematic  energy  release  ratio 
as  a  function  of  interfacial  angle  [1  when  iq  =  0.25cr  and 
v2  >  0. 

On  the  right-hand  side  of  Eqs.  (2a)  and  (2b),  the  dynamic 
toughness  ratio  Y^(v2) /YAlN  (vi)  is  a  material  property 
depending  on  the  interfacial  crack  propagation  velocity 
v2.  As  noted  above,  the  interface  toughness  Y Z(v2)  increases 
as  a  function  of  crack  velocity  v2,  whereas  TAclN  is  constant. 
This  leads  to  the  upward  shift  of  the  dynamic  toughness 
ratio  under  dynamic  loading  conditions  (as  compared  to 
the  quasi-static  case).  This  trend  is  indicated  by  the  green 
arrow,  and  an  example  of  the  dynamic  toughness  ratio  is 
represented  as  the  horizontal  solid  red  line  in  Fig.  4b.  The 
intercept  of  dynamic  energy  release  ratio  and  dynamic 
toughness  ratio  determines  the  relative  likelihood  of  trans¬ 
granular  fracture  versus  intergranular  fracture,  as  governed 
by  Eqs.  (2a)  and  (2b)  and  indicated  in  Fig.  4b.  It  is  evident 
that,  under  dynamic  loading  conditions,  the  transgranular 
region  must  increase  because  of  the  dynamic  fracture 
mechanics.  Note  that  if  the  interfacial  crack  velocity  v2 
increases,  the  energy  release  rate  ratio  will  continue  to 
decrease  and  the  dynamic  toughness  ratio  will  continue  to 
increase,  resulting  in  an  even  higher  percentage  of  trans¬ 
granular  fracture.  We  thus  have  a  mechanistic  understand¬ 
ing  of  why  transgranular  fracture  is  more  likely  at  high 
strain  rates. 

This  leads  to  the  question  of  the  strain  rate  that  controls 
this  intergranular  fracture  — >  transgranular  fracture  transi¬ 
tion.  To  estimate  this,  we  must  relate  the  crack  velocity  to 
the  strain  rate.  A  simple  conceptual  argument  is  as  follows. 
In  one-dimensional  terms,  the  stress  and  strain  relationship 
of  brittle  materials  can  be  expressed  as 

a  =  Es  =  Eht  (3) 


where  a  is  the  stress,  E  is  the  Young’s  modulus,  £  is  the 
strain,  e  is  the  constant  strain  rate  and  t  is  the  time.  The 
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stress  intensity  factor  (SIF)  A/  can  be  expressed  as  (for 
mode  1  cracks) 

Ki  =  aaViti  (4) 


where  /  is  half  of  the  crack  length  and  a  is  a  corrector  factor 
depending  on  the  loading  and  geometry,  a  is  generally 
around  1.  The  SIF  can  be  related  with  the  energy  release 
rate  under  plane  strain  conditions  through 


r-l~y2  K2 
G-—Ki 


(5) 


where  G  is  the  energy  release  rate  and  v  is  Poisson’s  ratio. 
When 


G  =  Tc(v ) 


(6) 


cracks  begin  to  grow,  where  rc(r)  is  the  dynamic  fracture 
toughness  (which  is  a  function  of  crack  velocity  as  noted 
above).  Then  the  stress  can  be  rearranged  in  terms  of 
r,.(  v)  and  /as 


/  rf(p)£ 

(1  —  v2)ol2tc1 


(7) 


The  crack  length  /  and  (constant)  crack  velocity  v  are 
related  through 

l  =  vt  (8) 

Now  we  can  relate  Eqs.  (3),  (7),  and  (8)  to  obtain  a  scaling 
relationship  between  the  strain  rate  e  and  crack  velocity  v. 


1  vVW) 

affnE(l  -  v2)  /3/2 


(9) 


As  noted  above,  rc(r)  is  a  non-decreasing  function  of  crack 
velocity  v.  Eq.  (9)  shows  that  higher  crack  velocities  corre¬ 
spond  to  higher  strain  rates.  For  polycrystalline  materials, 
we  assume  that  the  crack  length  /  is  a  multiple  of  the  grain 
size  d. 

In  Fig.  4b,  as  noted  above,  the  intercept  between  the 
dynamic  toughness  ratio  and  the  dynamic  energy  release  rate 
ratio  determines  the  boundary  of  intergranular  and  trans- 
granular  fracture  under  dynamic  loading.  We  define  the 
“transitional  crack  velocity”  vt  as  the  crack  velocity  at  which 
intergranular  and  transgranular  fracture  are  equally  possi¬ 
ble.  Assuming  the  random  orientation  (distribution)  of  the 
grains,  the  transitional  crack  velocity  v,  is  approximately 
the  velocity  at  which  the  dynamic  toughness  ratio  intercepts 
the  dynamic  energy  release  rate  ratio  at  interfacial  angles  of 
about  /?  =  ti/4.  From  Fig.  4b,  if  we  know  the  value  of  the 
dynamic  toughness  ratio  and  are  given  the  interfacial  crack 
velocity  v2,  we  can  equate  the  maximized  energy  release  rate 
ratio  at  //  =  7t/4  with  the  dynamic  toughness  ratio  to  solve  for 
the  transitional  crack  velocity  v„  and  then  the  crack  velocity 
v,  will  be  expressed  as  the  following  function: 


G  =g< 


r>2)  Gf  (45°,  0) 


GTra 


(vt) 


(10) 


Note  that  the  v,  estimated  above  will  provide  an  upper  esti¬ 
mate  for  the  transitional  crack  velocity,  because  the  maxi¬ 


mized  energy  release  rate  ratio  (/J  =  45°,  v2  =  0)  is  utilized. 
Given  this  transitional  velocity,  we  can  determine  the  tran¬ 
sitional  strain  rate  as  the  strain  rate  at  which  the  transgran¬ 
ular  fracture  becomes  more  likely  than  intergranular 
fracture.  Substituting  the  transitional  crack  velocity  v,  into 
Eq.  (9),  we  compute  the  transitional  strain  rate  as 


1  F\/F(v;) 

xffnE(\  -  v2)  /3/2 


(11) 


For  the  current  AIN,  the  experimental  value  for  the 
dynamic  toughness  ratio  G"d(v2) /T*!*  is  not  known,  but  is 
presumed  to  be  of  order  1.  The  transitional  crack  velocity 
v,  can  be  obtained  by  numerical  solution  of  Eq.  (10)  as 
v,  =  1450  m/s.  The  crack  length  21  is  assumed  to  be  10- 
100  times  the  grain  size  (21 ss  50  ~  500  pm  in  this  case;  the 
minimum  crack  length  that  can  be  resolved  by  our  high¬ 
speed  camera  is  about  500  pm).  Further,  we  have 
KIC  =  2.7  MPa Vm,  E  =  320  GPa,  v  =  0.237,  a  =  l,  and 
using  Eq.  (11)  gives  us  an  estimation  of  the  transitional 
strain  rate  on  the  order  of  103-104  s-1.  Note  that  this  is 
an  upper  estimate.  Our  observations  of  primarily  transgran¬ 
ular  fracture  at  strain  rates  of  103  s~  1  are  consistent  with 
this  analysis.  The  analysis  also  indicates  that  the  transition 
should  occur  at  approximate  these  rates  for  all  polycrystal¬ 
line  advanced  ceramics,  since  the  characteristic  properties 
(KIC,  E,  etc.)  have  similar  orders  of  magnitude.  This  is  also 
consistent  with  the  observations  in  the  literature. 


4.2.  Modeling  confining  stress  effects  on  fracture  mechanisms 


The  effects  of  confining  stress  on  yttria  failure  can  be 
understood  through  wing  crack  micromechanics  [39,40]. 
Under  plane  strain  conditions,  when  the  brittle  solid  expe¬ 
riences  a  uniaxial  compressive  load  op,  the  potential  defects 
become  active  and  form  wing  cracks,  tending  to  align 
themselves  along  the  loading  direction.  However,  if  a  con¬ 
fining  stress  a2  is  applied,  it  will  decrease  the  stress  intensity 
factor  Kr  at  the  crack  tip.  With  an  increase  of  o2,  the  stress 
intensity  factor  K2  at  the  crack  tip  will  finally  go  to  zero.  At 
this  time,  the  cracking  mechanism  is  entirely  shut  down, 
and  the  magnitude  of  a2  to  achieve  the  shut-down  is  only 
dependent  on  the  internal  friction  coefficient  p  through 
the  following  relationship  [18]: 


(1  +/t2)1/2  -p 
(1+/<2)1/2- 


(12) 


With  p  =  0.4  [41]  and  o\  =  4  GPa,  taken  as  the  strength  of 
AIN,  o2  can  be  calculated  as  1.8  GPa.  Once  the  cracking 
mechanism  is  shut  down,  other  mechanisms,  such  as  dislo¬ 
cations  and  twinning,  are  needed  to  accommodate  the 
deformation  of  the  solid. 

The  yield  strength  can  be  estimated  from  oy  =  H/ at, 
where  H  is  the  hardness  and  a  is  a  constant  (generally  3.0 
for  metals  [42]  and  2.1  for  ceramics  [43]).  For  yttria,  the 
hardness  is  about  8.8  GPa  [44]  and  the  yield  strength  is 
around  4  GPa;  for  AIN,  the  hardness  is  17.7  GPa  [45] 
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and  the  yield  strength  is  around  8  GPa.  The  lower  yield 
strength  of  yttria  suggests  that  it  should  yield  first  once 
the  cracking  mechanism  is  shut  down.  Indeed,  dislocations 
in  yttria  are  confirmed  through  TEM  observations  below 
(shown  in  Fig.  6).  After  the  interphase  yields,  the  yielding 
sites  (typically  the  triple  junctions,  illustrated  in  Fig.  2a) 
will  act  as  new  defects  triggering  the  subsequent  crack  for¬ 
mation.  This  is  similar  to  the  Berkovich  indentation  sce¬ 
nario,  in  which  tensile  stresses  can  be  generated  around 
the  indentation  sites,  leading  to  cone  cracks  [46].  In  the  cur¬ 
rent  experimental  condition,  the  confining  stress  is  not 
large  enough  to  shut  down  all  cracks.  However,  due  to 
the  inhomogeneities  in  the  brittle  material,  the  confining 
stress  level  appears  to  be  large  enough  to  trigger  some 
yttria  failure.  Furthermore,  we  observe  the  trend  that  the 


probability  of  observing  yttria  failure  increases  with 
increasing  confining  stress,  consistent  with  this  analysis. 

4.3.  Fracture  mechanism  summary  for  sintered  AIN 

The  strain  rate  and  confining  stress  are  critical  variables 
in  dynamic  loading  applications.  Based  upon  our  observa¬ 
tions  and  previous  modeling  discussion,  the  fracture  mech¬ 
anism  for  sintered  AIN  can  be  summarized  as  follows.  At 
low  strain  rate  and  low  confining  stress,  corresponding  to 
the  quasi-static  uniaxial  compression  tests,  intergranular 
fracture  is  dominant.  With  an  increase  in  the  strain  rate 
at  similar  low  confining  stresses,  transgranular  fracture 
becomes  dominant.  As  the  confining  stress  is  increased, 
the  interphase  failure  mechanism  becomes  active,  and  for 


Fig.  5.  Bright-field  TEM  observations  of  collected  fragments  from  a  specimen  dynamically  tested  at  a  780  MPa  confining  stress,  showing  AIN 
microcrystals  produced  from  fragmented  AIN  grains  as  a  result  of  the  interphase  and  transgranular  fracture,  (a)  Global  picture  of  a  small  AIN  fragment 
contains  several  groups  of  dislocations,  each  group  showing  a  planar  slip  characteristic,  associated  with  a  well-defined  cleavage  facet  at  the  edge,  (b)  Close- 
up  observation  of  the  framed  area  in  (a)  with  arrows  annotating  the  microcrack  tips,  (c)  Micrograph  capturing  the  transgranular  crack  being  arrested  in 
the  interior  of  the  crystal,  with  profuse  dislocations  associated  with  the  present  microcrack,  either  along  the  crack  path  or  at  the  crack  tip.  The  insets  in  (c) 
are  a  zoom-in  view  of  the  crack  tip  being  stopped  in  the  crystal  and  selected  area  electron  diffraction  of  the  AIN  crystal. 
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higher  confining  stresses,  more  interphase  failure  is 
observed.  Note  that  no  experiments  were  conducted  at 
low  strain  rates  and  high  confining  stresses.  The  fracture 
mode  in  this  loading  regime  is  predicted  to  be  a  combina¬ 
tion  of  intergranular  fracture  and  interphase  failure  based 
upon  the  modeling  efforts.  This  fracture  mechanism  study 
has  significant  material  design  implications.  For  example, 
if  a  material  is  designed  to  be  in  service  under  a  low  strain 
rate  condition,  grain  boundary  engineering  should  be  the 
most  important  factor;  on  the  other  hand,  if  it  is  designed 
for  impact  applications  involving  high  confinement  and 
high  strain  rates,  the  effects  of  grain  strength  and  second 
(inter-)  phases  could  have  a  larger  impact  on  the 
performance. 

5.  Brittle  to  ductile  transition  mechanisms 

The  experimental  results  from  various  experimental  tech¬ 
niques  on  AIN  were  summarized  in  a  deviatoric  strength 
and  hydrostatic  pressure  space  by  Hu  et  al.  [18],  who  dem¬ 
onstrated  that  there  exists  a  transition  pressure  (~2  GPa)  at 
which  a  shift  from  brittle  to  ductile  behavior  is  observed. 
Below  the  transition  pressure,  pre-existing  defects  dominate 
the  material  response,  which  can  be  modeled  and  predicted 
using  the  wing-crack  micromechanics  model;  this  is  there¬ 
fore  called  the  defect  controlled  region  [18].  As  the  pressure 
increases,  the  cracking  mechanism  is  suppressed  due  to  the 
corresponding  decrease  of  the  stress  intensity  factor  Kj  at 
crack  tips  [39,47,48].  Thus  other  mechanisms,  such  as  dislo¬ 
cation  activity,  become  viable.  This  is  substantiated  both  by 
the  macroscopic  experimental  data,  showing  (above  the 
transition  pressure)  the  insensitivity  of  the  deviatoric 
strength  to  pressure,  and  by  the  microscopic  observation 
of  dislocations.  We  provide  detailed  microscopic  evidence 
for  the  “dislocation  controlled  region”  in  this  section. 

Specimens  after  quasi-static,  uniaxial  dynamic  and  con¬ 
fined  dynamic  experiments  with  different  confining  stresses 
were  examined  by  TEM.  Multiple  specimens  were  observed 
for  each  test  to  obtain  representative  micro  structural  infor¬ 
mation.  In  both  quasi-statically  and  dynamically  com¬ 
pressed  specimens  under  uniaxial  load,  dislocations  were 
rarely  observed.  This  is  consistent  with  the  observation  that 
these  specimens  fail  through  brittle  fracture.  However,  the 
specimens  subjected  to  confined  dynamic  tests  showed  dif¬ 
ferent  characteristics.  Deformation  under  confined  dynamic 
compression  produces  a  large  number  of  fragments  in  the 
form  of  fine  powders.  These  fragments  can  be  extremely 
small  and  thin,  e.g.  a  few  microns  wide  and  less  than 
100  nm  thick.  They  are  thin  enough  to  be  electron  beam 
transparent  and  immediately  ready  for  TEM  observations. 

In  striking  contrast  to  specimens  tested  under  uniaxial 
loading,  large  numbers  of  dislocations  were  observed  in 
specimens  tested  through  the  confined  dynamic  loading 
procedure.  Dislocations  were  present  in  almost  every  frag¬ 
ment  produced  during  the  failure  process.  Generally,  an 
AIN  fragment  is  not  a  whole  grain,  but  only  a  section  of 
it  due  to  the  transgranular  failure.  An  example  of  an  AIN 


Fig.  6.  Bright-field  TEM  observations  of  collected  fragments  from  a 
specimen  dynamically  tested  at  a  780  MPa  confining  stress  showing  a 
zoom-in  view  of  an  yttria  interphase  fragment  detached  from  AIN  grains 
as  a  result  of  interphase  failure.  The  top-left  inset  is  a  global  picture  of  the 
yttria  phase,  with  the  frame  defining  the  area  where  the  picture  is  taken; 
the  top-right  inset  shows  the  diffraction  pattern  of  the  fragment. 
Dislocations  are  clearly  observable  in  the  inset  at  the  bottom,  which  is  a 
zoom-in  view  of  the  framed  area  in  the  main  picture. 

fragment  is  shown  in  Fig.  5a.  This  small  AIN  fragment  con¬ 
tains  several  groups  of  dislocations,  each  group  showing  a 
planar  slip  characteristic  lying  on  the  trace  of  the  prismatic 
( 1 0 1 0)  plane.  A  series  of  tilting  experiments  with  different 
dual  beam  conditions  suggests  a  Burgers  vector  of 
1/3[1 120],  indicating  the  prismatic  (a)-type  slip.  This  slip 
system  is  common  in  hexagonal  structures  with  a  c/a  ratio 
smaller  than  the  ideal  value  of  1.633,  where  the  most  clo¬ 
sely  packed  plane  is  the  prismatic  plane.  This  slip  system 
was  also  reported  by  others  [1,8-11,49], 

Cleavage  facets  on  ( 1 0 1 0)  plane  are  generally  observed 
on  the  edges  of  the  AIN  fragments,  consistent  with  one  of 
the  most  readily  available  cleavage  planes  in  wurtzite  crys¬ 
tal  structure  [20]  (note  this  is  also  one  of  the  available  slip 
planes).  It  can  be  seen  from  Fig.  5a  and  the  close-up  obser¬ 
vation  shown  in  Fig.  5b  that  each  cleavage  facet  is  associ¬ 
ated  with  a  particular  group  of  dislocations  located  near 
the  edge  of  the  fragmented  crystal.  Each  group  of  disloca¬ 
tions  lies  on  a  trace  which  is  an  extension  of  the  cleavage 
facet  into  the  microcrystal,  suggesting  inherent  correlation 
between  the  dislocations  and  microcracking.  These  obser¬ 
vations  are  further  confirmed  by  the  micrograph  shown 
in  Fig.  5c,  which  captures  a  “propagating”  microcrack 
observed  within  another  AIN  fragment  and  provides 
details  on  the  correlation  between  microcracking  and  dislo¬ 
cation  activities.  The  zone  axis  is  also  along  the  [1  120] 
direction  (same  as  in  Fig.  5a).  Several  interesting  features 
of  the  microcrack  can  be  observed.  First,  it  is  clearly  seen 
that  the  microcrack  stops  in  the  interior  of  the  grain,  with 
the  crack  tip  clearly  observable  (see  the  bottom  inset).  Sec¬ 
ond,  the  microcrack  is  associated  with  large  numbers  of 
dislocations  either  along  the  crack  path  or  at  the  crack 
tip.  Third,  the  crack  is  straight  and  the  crack  surface  is  flat, 
characteristic  of  typical  cleavage  surfaces.  Finally,  there 
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appears  to  be  something  like  a  cohesive  zone  behind  the 
crack  tip  about  2  pm  in  length,  where  there  is  no  crack 
opening  displacement  and  the  deformation  is  typical  of  a 
highly  localized  slip  band. 

These  observations  are  consistent  with  the  observations 
of  Fig.  5a  and  b,  and  provide  important  information  for 
understanding  the  deformation  mechanisms.  The  slip  band 
ahead  of  the  “propagating”  microcrack  indicates  that  the 
opening  of  the  crack  is  preceded  by  the  slip  deformation. 
This  suggests  an  important  role  of  dislocations  in  the 
microcracking  process  since  slip  is  accommodated  by  glid¬ 
ing  of  dislocations.  Note  that,  in  comparison  to  the  major 
cracks  that  produced  the  fragments,  the  microcracks 
retained  and  observed  in  the  fragments  are  quite  minor 
cracks.  Together  with  the  multiple  cracking  suggested  by 
multiple  cleavage  facets  in  Fig.  5a  and  b,  we  speculate  that 
a  considerable  number  of  relatively  minor  cracks  can  be 
formed  during  the  propagation  of  the  main  crack,  serving 
as  another  mechanism  to  dissipate  energy  during  the 
dynamic  deformation  under  high  confining  stresses.  Such 
multiple  cracks  associated  with  dislocations  are  not 
observed  in  specimens  tested  under  uniaxial  loading 
conditions. 

In  brittle  materials,  cleavage  is  generally  a  mechanism 
that  does  not  rely  on  dislocation  activities.  However,  the 
observations  here  suggest  that,  under  some  conditions, 
e.g.  a  confined  dynamic  loading,  cleavage  following  the 
prismatic  plane  could  be  closely  associated  with  dislocation 
behaviors.  The  cohesive  zone  at  the  crack  tip,  characterized 
by  the  intense  slip  rather  than  an  opening  mode,  suggests 
that  dislocations  could  act  as  a  precursor  to  the  crack 
opening.  It  is  quite  possible  that  the  dislocations  are 
generated  during  the  loading  regime,  leading  to  high 
strain  (stress)  concentration.  When  the  loading  is  released, 
the  microcracks  (cleavage)  may  be  induced  at  these  stress 
concentration  sites  (generally  the  highly  slipped  regions). 

With  increasing  confining  pressure  and  strain  rate,  it  is 
therefore  to  be  expected  that  the  flaw-controlled  brittle 
fracture  is  increasingly  dominated  by  dislocation  behav¬ 
iors.  Above  a  critical  pressure,  a  brittle  to  ductile  transition 
will  occur  as  a  result  of  the  extreme  loading  conditions.  The 
microscopic  observations  in  the  fine  fragments  here  further 
demonstrate  the  existence  of  profuse  dislocations  interact¬ 
ing  with  microcracks  at  a  much  smaller  length  scale,  sub¬ 
stantiating  the  brittle  to  ductile  transition  obtained  from 
macroscopic  strength  data  of  AIN. 

The  existence  of  a  large  number  of  microcracks  and  the 
remarkable  associated  dislocation  behavior  suggest  that 
complex  interactions  between  brittle  cracking  and  disloca¬ 
tion-mediated  plasticity  coexist  in  this  system  under  con¬ 
fined  dynamic  loading.  The  cooperation  of  flaw- 
controlled  cracking  and  dislocation-mediated  plasticity 
probably  mean  that  the  classic  Griffith  criterion  for  brittle 
materials  needs  to  be  modified  to  describe  this  type  of 
material  behavior. 

In  addition  to  the  fragmented  AIN  microcrystals,  indi¬ 
vidual  yttria  phases  detached  from  AIN  grains  are  also 


often  observed,  consistent  with  the  SEM  observation  of 
interphase  failure  at  high  confinement.  An  example  of  the 
deformed  yttria  phase  is  shown  in  Fig.  6.  The  yttria  phase 
can  be  readily  recognized  through  the  morphology  (top 
left  inset),  and  is  further  confirmed  through  diffraction 
patterns  (top  right  inset)  or  elemental  analysis.  This  ceramic 
phase  also  experiences  noticeable  local  plastic  deformation, 
as  a  number  of  dislocations  were  present,  shown  in  the 
bottom  inset  in  Fig.  6,  suggesting  another  microscopic 
energy  dissipation  mechanism  besides  interphase  boundary 
decohesion. 

6.  Summary 

Uniaxial  quasi-static,  uniaxial  dynamic  and  confined 
dynamic  tests  on  sintered  AIN  were  performed.  Extensive 
SEM  and  TEM  characterization  of  fragments  were  con¬ 
ducted  to  identify  fracture  and  deformation  mechanisms 
at  different  loading  conditions.  Our  primary  conclusions 
follow. 

•  Intergranular  fracture  is  the  dominant  fracture  mecha¬ 
nism  in  sintered  AIN  at  low  strain  rates  and  low  confin¬ 
ing  stresses.  With  the  increase  of  the  strain  rate, 
transgranular  fracture  becomes  dominant,  with  a  transi¬ 
tional  strain  rate  defined  by  the  dynamic  failure  mechan¬ 
ics.  At  high  strain  rates  with  high  confining  stress, 
interphase  failure  becomes  viable,  along  with  intergran¬ 
ular  and  transgranular  fracture. 

•  Dynamic  fracture  mechanics  is  used  to  explain  the  inter¬ 
granular  fracture  to  transgranular  fracture  transition 
under  different  loading  rates,  while  wing-crack  microm¬ 
echanics  is  recalled  to  explain  the  interphase  failure  with 
increasing  confining  stress. 

•  The  deformation  mechanisms  of  AIN  change  with  pres¬ 
sure.  The  transition  is  substantiated  both  by  macro¬ 
scopic  strength  data  and  microscopic  observations. 
Both  fracture  and  dislocation  activities  exist  around 
the  transition  pressure  regime. 

•  TEM  characterization  of  specimens  tested  at  different 
loading  conditions  not  only  confirmed  the  existence 
of  dislocation  mechanisms  under  confined  dynamic 
loading,  but  also  revealed  microcrack-dislocation 
interactions  at  small  length  scales,  implying  that  the 
plasticity  affects  the  material  behavior  to  a  significant 
extent. 
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ADELPHI  MD  20783-1 197 


NO.  OF 

COPIES  ORGANIZATION 


NO.  OF 

COPIES  ORGANIZATION 


1  PEO  GCS 

SFAE  GCS  BCT/MS  325 
M  RYZYI 

6501  ELEVEN  MILE  RD 
WARREN  MI  48397-5000 

1  ABRAMS  TESTING 
SFAE  GCSS  W  AB  QT 
J  MORAN 

6501  ELEVEN  MILE  RD 
WARREN  MI  48397-5000 

1  COMMANDER 

WATERVLIET  ARSENAL 
SMCWV  QAE  Q 
B  VANINA 
BLDG  44 

WATERVLIET  NY  12189-4050 

1  COMMANDER 

US  ARMY  AMCOM 
AVIATION  APPLIED  TECH  DIR 
J  SCHUCK 

FT  EUSTIS  VA  23604-5577 

1  USA  SBCCOM  PM  SOLDIER  SPT 
AMSSB  PM  RSS  A 
J  CONNORS 
KANSAS  ST 
NATICK  MA  01760-5057 

1  UNIV  OF  DELAWARE 
DEPT  OF  MECH  ENGR 
J  GILLESPIE 
NEWARK  DE  19716 

3  AIR  FORCE  ARMAMENT  LAB 
AFATL  DLJW 
DBELK 
J  FOSTER 
W  COOK 

EGLIN  AFB  FL  32542 

1  TACOM  ARDEC 

AMSRD  AAR  AEE  W 
E  BAKER 
BLDG  3022 

PICATINNY  ARSENAL  NJ 
07806-5000 


1 1  US  ARMY  TARDEC 
AMSTRA  TR  R  MS  263 
K  BISHNOI 

D  TEMPLETON  (10  CPS) 
WARREN  MI  48397-5000 

1  COMMANDER 

US  ARMY  RSRCH  OFC 
A  RAJENDRAN 
PO  BOX  12211 

RSRCH  TRIANGLE  PARK  NC 
27709-2211 

2  CALTECH 

G  RAVICHANDRAN 
T  AHRENS  MS  252  21 
1201  E  CALIFORNIA  BLVD 
PASADENA  CA  91125 

5  SOUTHWEST  RSRCH  INST 
C  ANDERSON 
K  DANNEMANN 
T  HOLMQUIST 
G  JOHNSON 
J  WALKER 
PO  DRAWER  28510 
SAN  ANTONIO  TX  78284 

3  SRI  INTERNATIONAL 
D  CURRAN 

D  SHOCKEY 
R  KLOOP 

333  RAVENSWOOD  AVE 
MENLO  PARK  CA  94025  21 

1  APPLIED  RSRCH  ASSOCIATES 
D  GRADY 

4300  SAN  MATEO  BLVD  NE 
STE  A220 

ALBUQUERQUE  NM  87110 

1  INTERNATIONAL  RSRCH 
ASSOCIATES  INC 
DORPHAL  CAGE  06EXO 
5274  BLACKBIRD  DR 
PLEASANTON  CA  94566 

1  BOB  SKAGGS  CONSULTANT 
S  R  SKAGGS 

7  CAMINO  DE  LOS  GARDUNOS 
SANTA  FE  NM  87506 


NO.  OF 

COPIES  ORGANIZATION 


NO.  OF 

COPIES  ORGANIZATION 


2  WASHINGTON  ST  UNIV 
INST  OF  SHOCK  PHYSICS 
Y  GUPTA 

J  ASAY 

PULLMAN  WA  99164-2814 

1  COORS  CERAMIC  CO 
T  RILEY 
600  NINTH  ST 
GOLDEN  CO  80401 

1  UNIV  OF  DAYTON 
RSRCH  INST 
NBRAR 

300  COLLEGE  PARK 
MS  SPC  1911 
DAYTON  OH  45469-0168 

1  COMMANDER 

US  ARMY  TACOM 
AMSTA  TR  S 
L  PROKURAT  FRANKS 
WARREN  MI  48397-5000 

1  PM  HBCT 

SFAE  GCS  HBCT  S 
J  ROWE  MS  506 
6501  11  MILERD 
WARREN  MI  48397-5000 

3  COMMANDER 

US  ARMY  RSRCH  OFC 
B  LAMATINA 
D  STEPP 
W  MULLINS 
PO  BOX  12211 

RSRCH  TRIANGLE  PARK  NC 
27709-2211 

1  N A V AL  S  URF ACE  WARFARE  CTR 
CARDEROCK  DIVISION 

R  PETERSON 
CODE  28 

9500  MACARTHUR  BLVD 
WEST  BETHESDA  MD  20817-5700 

2  LAWRENCE  LIVERMORE  NATL  LAB 
R  LANDINGHAM  L369 

J  E  REAUGH  L282 
PO  BOX  808 
LIVERMORE  CA  94550 


3  SANDIA  NATL  LAB 
J  ASAY  MS  0548 
L  CHHABILDAS  MS  0821 
D  CRAWFORD  ORG  0821 
PO  BOX  5800 

ALBUQUERQUE  NM  87185-0820 
1  RUTGERS 

THE  STATE  UNIV  OF  NEW  JERSEY 

DEPT  OF  CRMCS  &  MATLS  ENGRNG 

R  HABER 

607  TAYLOR  RD 

PICATINNY  NJ  08854 

1  THE  UNIVERSITY  OF  TEXAS 

AT  AUSTIN 
S  BLESS 
IAT 

3925  W  BRAKER  LN  STE  400 
AUSTIN  TX  78759-5316 

1  CERCOM 
R  PALICKA 
1960  WATSON  WAY 
VISTA  CA  92083 

6  GDLS 

W  BURKE  MZ436  21  24 
G  CAMPBELL  MZ436  30  44 
D  DEBUSSCHER  MZ436  20  29 
J  ERIDON  MZ436  21  24 
W  HERMAN  MZ435  01  24 
S  PENTESCU  MZ436  21  24 
38500  MOUND  RD 
STERLING  HTS  MI  48310-3200 

1  JET  PROPULSION  LAB 
IMPACT  PHYSICS  GROUP 
M  ADAMS 

4800  OAK  GROVE  DR 
PASADENA  CA  91109-8099 

3  OGARA  HESS  &  EISENHARDT 
G  ALLEN 
D  MALONE 
T  RUSSELL 
9113  LE  SAINT  DR 
FAIRFIELD  OH  45014 


NO.  OF 

COPIES  ORGANIZATION 


NO.  OF 

COPIES  ORGANIZATION 


1  CERADYNE  INC 
M  NORMANDIA 
3169  REDHILLAVE 
COSTA  MESA  CA  96626 

2  JOHNS  HOPKINS  UNIV 
DEPT  OF  MECH  ENGRNG 
K  T  RAMESH 

T  W  WRIGHT 
3400  CHARLES  ST 
BALTIMORE  MD  21218 

2  SIMULA  INC 

V  HORVATICH 

V  KELSEY 
10016  51ST  ST 
PHOENIX  AZ  85044 

3  UNITED  DEFENSE  LP 
K  STRITTMATTER 

E  BRADY 
R  JENKINS 
PO  BOX  15512 
YORK  PA  17405-1512 

1 0  NATL  INST  OF  STANDARDS  &  TECH 
CRMCS  DIV 
G  QUINN 
STOP  852 

GAITHERSBURG  MD  20899 

2  DIR  USARL 
RDRLD 

C  CHABALOWSKI 

V  WEISS 

2800  POWDER  MILL  RD 
ADELPHI  MD  20783-1 197  23 

ABERDEEN  PROVING  GROUND 


60  DIR  USARL 
RDRL SL 
R  CO ATE 
RDRL  WM 
S  KARNA 
P  BAKER 

J  MCCAULEY  (10  CPS) 
RDRL  WML 
J  NEWILL 
M  ZOLTOSKI 
RDRL  WML  B 
D  TAYLOR  (10  CPS) 
RDRL  WMM 
R  DOWDING 


RDRL  WMM  A 
J  SANDS 

T  WEER  AS  OORI Y  A 
RDRL  WMM  D 
ECHIN 
KCHO 
G  GAZONAS 
R  SQUILLACIOTI 
RDRL  WMM  E 
J  LASALVIA 
P  PATEL 
RDRL  WMM  F 
J  MONTGOMERY 
RDRL  WMP 
B  BURNS 
S  SCHOENFELD 
RDRL  WMP  B 
C  HOPPEL 
M  SCHEIDLER 
RDRL  WMP  C 
T  BJERKE 
J  CLAYTON 
D  DANDEKAR 
M  GREENFIELD 
S  SEGLETES 
W  WALTERS 
RDRL  WMP  D 
T  HAVEL 
M  KEELE 
D  KLEPONIS 
H  MEYER 
J  RUNYEON 
RDRL  WMP  E 
P  BARTKOWSKI 
M  BURKINS 
W  GOOCH 
D  HACKBARTH 
E  HORWATH 
T  JONES 
RDRL  WML  H 
T  FARRAND 
L  MAGNESS 
D  SCHEFFLER 
R  SUMMERS 


Intentionally  left  blank. 


